We present a detailed study of the growth of the tetragonal polymorph of antiferromagnetic CuMnAs by the molecular beam epitaxy technique. We explore the parameter space of growth conditions and their effect on the microstructural and transport properties of the material. We identify its typical structural defects and compare the properties of epitaxial CuMnAs layers grown on GaP, GaAs and Si substrates. Finally, we investigate the correlation between the crystalline quality of CuMnAs and its performance in terms of electrically induced resistance switching. arXiv:1911.01794v1 [cond-mat.mtrl-sci] 
INTRODUCTION
The tetragonal phase of the antiferromagnetic CuM-nAs [1] attracted significant attention due to the possibility to control its Néel vector orientation by electrical current. It was predicted for a family of collinear antiferromagnets with non-centrosymmetric spin-sublattices that a uniform electrical current induces an effective magnetic field with sign alternating between the magnetic sublattices, resulting in reorientation of the magnetic moments [2] . So far, current-induced Néel vector switching has been experimentally demonstrated in two prototypical examples of this materials family: in CuMnAs [3] and Mn 2 Au [4] . Moreover, further investigation of CuMnAs devices has recently uncovered an additional mechanism of high-resistive analog switching [5] ascribed to antiferromagnetic domain fragmentation generated by electrical and optical pulses of lengths ranging from microseconds to femtoseconds. Combined with the earlier observations of current-induced Néel vector switching, this makes the material potentially suitable for developing memory, opto-electronic and neuromorphic devices. The complexity of the switching mechanisms in CuMnAs and the broad range of considered device concepts call for a comprehensive materials growth and structural characterization study which is presented in this paper.
A favorable property of CuMnAs is the high degree of structural compatibility to common semiconductor materials, specifically to GaAs, GaP and Si. This makes it possible to employ molecular beam epitaxy (MBE) as the growth technique and to take full advantage of its precise control over the growth parameters. In this work we focus on the investigation of the growth conditions and material characterization of thin films of CuMnAs. We provide results from atomic force microscopy (AFM), superconducting quantum interference device (SQUID) magnetometry, X-ray diffraction (XRD) and transport measurement techniques, and use them to identify the optimal growth conditions of stoichiometric CuMnAs. Using scanning transmission electron microscopy (STEM) we also identify two dominant types of crystallographic defects. Finally, we relate the resistive switching performance of CuMnAs microdevices to the studied growth conditions and crystalline quality of the films.
GROWTH ON GaP
The crystal structure of tetragonal CuMnAs [1] is shown in Fig. 1(a) . Antiferromagnetically ordered magnetic moments are arranged in two inversion-partner sublattices [6] . Successful epitaxy of CuMnAs is achievable on GaP, GaAs and Si (001) substrates, with the CuM-nAs thin film growing under 45 • in-plane rotation [1] , i.e. the <100> direction of CuMnAs aligns with the <110> direction of the substrate. From the three substrate materials, GaP can be expected to yield results superior to both GaAs with large lattice mismatch and Si with nonpolar surface and 1/4 unit-cell surface steps.
Our typical sample structure is shown in Fig. 1(b) . The buffer layer improves the quality of the GaP-CuMnAs interface and the Al capping layer serves as a protection against oxidation at ambient conditions. For our growth conditions (more details are given in Methods [7] ), the (2x4) GaP surface reconstruction transforms to the (2x2) CuMnAs reconstruction within the first 1-2 nm and then remains stable during further growth. The transition is shown in Fig. 1(c) for the GaP buffer layer viewed along [110] direction and 50 nm thick CuMnAs viewed along the same azimuth (<100> direction of CuMnAs). After the transition period, weak reflection high-energy electron diffraction (RHEED) oscillations appear, as shown in Fig. 1(d) . The comparison of the layer thickness measured by X-ray reflectivity and/or atomically resolved STEM imaging shows that one RHEED oscillation period (here ∼ 47 s) corresponds to the growth of one full CuM-nAs unit cell, in contrast to nonmagnetic zinc-blende materials with one period per one monolayer. A reliable substrate temperature readout is crucial for a reproducible CuMnAs growth. For this reason we measure the real-time optical absorption spectra of the substrate and extract the substrate temperature T BE from the position of the absorption edge during growth [8] . The true substrate temperature measured this way significantly deviates from the usual thermocouple, whose reading T T c is delayed and more strongly linked to the substrate heater than to the substrate. If a real-time proportional-integral-derivative (PID) controller is used to maintain T BE constant, both heater power and T T c decrease during growth with almost linear trend, as shown in Fig. 1(e) . With our setup the absorption edge could be reliably resolved up to approximately 50 nm of growth. During longer growths, we extrapolate the linear decrease of the heater power to maintain a stable temperature. The importance of growth temperature is shown in Fig. 2 (a) in terms of the surface roughness of 50 nm thick CuMnAs layers grown on GaP. The measured trend reveals that optimal growth temperatures are constrained to a window from 190 to 260 • C. The surface roughness measured for samples grown within this temperature window stems mainly from terraces shown in Fig. 2(b) . The terraces are most frequently terminated by steps, which correspond to multiples of vertical lattice constant. This is in agreement with the unit-cell periodicity of RHEED oscillations. Both observations illustrate the tendency of the CuMnAs crystal to grow in vertical steps containing two compensated monolayers of the magnetic element.
The AFM micrographs in Fig. 2 (c) depict how the surface evolves for samples with varying CuMnAs thickness. The deposited material forms localized islands for the growth time equivalent to 3 unit cells. As the growth continues the islands coalesce into a percolation layer with a dense array of holes that are prevailingly elongated along the [110] direction of the GaP substrate. For even longer growth times, the density of the patterns gradually reduces until a continuous flat surface is formed. This growth regime is characteristic not only for GaP substrates, but we observe similar trends also on GaAs and Si as will be shown later in the text. The effect of the island formation in the initial stage of the growth is probably closely related to the formation of typical growth defects which will be analyzed and discussed later in the text. Under our typical growth conditions, it is possible to obtain flat and hole-free surface for thicknesses above 20 nm.
STOICHIOMETRY
Owing to low growth temperature, the epitaxial growth of CuMnAs does not require flux overpressure of any of the elements to compensate for an incongruent reevaporation. However, arsenic incorporation turns out to be, to a certain extent, self-controlled. We have verified that the growing crystal tolerates As flux overpressure up to a factor of 2 (relative to Cu and Mn flux intensities) without any significant effect on the crystalline quality measured by, e.g., surface morphology, defect density or electrical performance. On the other hand, these parameters sensitively depend on the ratio of the Cu and Mn fluxes. Given the limited accuracy of the independent flux calibrations and considering the unknown sticking coefficient of these elements, we have adopted the sharp minimum of the RMS surface roughness in a series of samples with varying Cu:Mn flux ratio as a sign of the 1:1:1 stoichiometry. We have verified that the composition of the corresponding layer measured by the electronprobe microanalysis (EPMA) and energy-dispersive Xray spectroscopy (EDX) is correct within the 2% accuracy of the methods, and we will show further in the text that the optimal stoichiometry point is consistently confirmed by several other parameters.
A general trend in the surface morphology as a function of the Cu:Mn flux ratio is shown in Fig. 3 (a). While the 1:1 Cu:Mn sample has a flat surface with terraces of the unit-cell step height, the off-stoichiometric samples exhibit characteristic line-shaped surface defects oriented along the [110] and [110] directions of CuMnAs. As shown in Fig. 3 (a) and (b), the density of these defects and so the RMS roughness steeply increase with the deviation from the 1:1 stoichiometry point. The defects are not related just to the surface of the layers, but they protrude through the bulk and leave a clear trace in the XRD reciprocal maps in form of a peak broadening along Q 100 axis, as shown in Fig. 3 (c). The broadening gradually rises for off-stoichiometric samples up to the Cu:Mn flux ratio of 1.1 and down to 0.9. Outside these limits, the broadening becomes saturated or even slightly decreases which can be attributed to precipitation of the element in excess. Let us note that the RMS roughness in the outermost points of Fig. 3 (b) has been measured in areas between these precipitates.
For 1:1 Cu:Mn samples grown on GaP, we extract the vertical lattice constant c = 6.278 ± 0.001 Å in the fully tensile-strained lattice, i.e. fully pseudomorphic growth where the lattice constant a CuM nAs matches a GaP / √ 2. This value increases when the flux ratio deviates from the stoichiometry point and the lattice relaxation sets in, as shown in Fig. 3(d) . The lattice relaxation is likely related to the formation of micro-twin defects, associated with surface defect lines, and/or slip dislocations which will be discussed in the next section. In addition, low energy formation of Mn/Cu vacancies and/or Cu-Mn substitutions could be significant in the off-stoichiometric samples [9] . In samples with more than 10% off-stoichiometry the excess material starts forming precipitates which protrude to the surface of the samples. In case of excess Mn, these precipitates, most probably in form of MnAs, generate measurable net magnetization. This is apparent from the results of SQUID magnetometry shown in Fig. 3 (e). The distance between the inclusions is typically on the order of units to tens of µm, which indicates surprisingly long diffusion length of excess Cu and Mn at given growth temperatures. These results are supported by magnetic force microscopy measurements shown in Supplementary information [7] .
STRUCTURAL DEFECTS
We have prepared thin lamelae from various 50 nm thick CuMnAs samples by focused ion beam (FIB) technique in order to study the atomic structure of the defects. The high-angle annular dark field -scanning transmission electron microscopy (HAADF-STEM) analysis revealed two characteristic types of defects which were present in all studied samples. The first type is visible in the [110] projection of CuMnAs, as shown in Fig. 4(a) . It is of the micro-twin type and consists of a thin slab of CuMnAs crystal lattice rotated by 81.9 deg, which corresponds to the angle between (111) and (111) planes. The slab propagates through the whole thickness of the 50 nm CuMnAs film, mostly following the same (111) or (111) planes. At the surface the micro-twin slabs project as characteristic defect lines along [100] and [010] directions of CuMnAs, as shown in Fig. 3(a) . Based on the depth profile measured across the surface defect lines by AFM, it is possible to determine the sign of the tilt of the corresponding micro-twin beneath (see the upper inset in Fig. 4 (a) and the Supplementary information [7] ). The typical width of the micro-twins is several nanometers. As was shown in Fig. 3(b) , there is a strong diffraction peak broadening and its magnitude scales with the microtwin density. It is clear that it does not directly reflect the crystalline structure of the defects. This is because the lattice spacing along the [001] direction of the twin has a different value after the rotation, and therefore does not project into the 002 CuMnAs reciprocal peaks. Yet, the STEM images in the Supplementary information [7] show that there is a significant amount of strain in the CuM-nAs crystal surrounding the micro-twins. Therefore, the micro-twin density is directly correlated to the amount of strain in the CuMnAs crystal, which projects as the wing-like diffraction broadening of the reciprocal peaks. Finally, it should be noted that after investigating multiple different samples, we have not found any consistent correlation between the micro-twin defect location and the local morphology of the underlying substrate (presence of surface steps, misfit dislocations, or other types of defects). The only direct correlation we have found is that the defect density increases with the deviation from the 1:1 stoichiometry point.
The second type of the characteristic defects can be seen on lamelae cut along the (100) planes of CuMnAs. Their typical structure is shown in Fig. 4(b) . The apparent c/2 slip dislocations form anti-phase boundaries along the (011) or (011) planes and always start at the substrate-film interface, similarly to the micro-twin defects. They can either protrude throughout the whole thickness of the film, or annihilate in a finite depth when two such defects with opposite tilt meet. It is important to note that only a fraction of the anti-phase boundaries originate at the lattice steps on the substrate, which is otherwise typical for this type of defect [10] . Here, an additional mechanism for anti-phase boundary formation an atomically flat surface of the substrate is illustrated in the inset of Fig. 4(b) . While the group-V-sublattice of the substrate remains equally retained in the CuMnAs film, the tetragonal CuMnAs lattice may start either with the lower As-plane (As 1 ), or with the upper As-plane (As 2 ) rotated by 90 • . This corresponds to a change in the stacking of the Mn and Cu layers in the individual grains. As a result, the c/2 lattice shift anti-phase boundaries form when islands with different stacking come into contact during further growth.
This type of defect may also be related to the formation of the holes present in the thin CuMnAs films. As apparent from Fig. 2(c) , there is a transition from the growth of individual islands into a percolation layer with holes elongated along the [110] direction of the substrate for films with thickness between 3 unit cells and 3.5 nm. These holes can then be observed in films with thicknesses up to ∼ 20 nm, by which point the vast majority have disappeared. Considering the faceted profile of the holes, a possible explanation for their creation could be that lateral growth on these facets is locally suppressed at certain points when several anti-phase islands meet. That would lead to a formation of faceted holes which can remain stable until a critical adatom density for incorporation is reached at the incoherent grain boundaries. The complexity of the hole shape would then be related to the merging of multiple grains at once, i.e. local formation of multiple incoherent boundaries in close proximity. The overgrowth into a homogeneous layer could be locally further suppressed by the presence of impurities or adatom clustering within the holes [11, 12] . The hole elongation is consistent with the presence of a diffusion anisotropy on the polar III-V surface [13] , yielding islands that are elongated in the [110] direction of the substrate prior to coalescence. Indeed, this trend can be observed in the far left-hand image of Fig. 2(c) , where a long and probably anisotropic diffusion length is suggested by the large spacing, layout and shape of the islands in films of thickness below the percolation threshold. The large spacing of the precipitates during off-stoichiometric growth, as mentioned above, is further evidence for a long diffusion length.
The anti-phase boundary defects were present with similar density in all samples investigated by STEM. In essence, the anti-phase boundaries appear at the bottom interface about every 30 nm. Their density is lower in the upper part of the layer due to annihilation of anti-phase boundaries with opposing tilt. We did not observe any dependency on the growth parameters within the established growth temperature window. Post growth heating experiments in the STEM have shown that the defect structure remains unchanged up to temperatures comparable to the growth temperature of optimized samples. Details are shown in the Supplemetary material [7] .
GROWTH ON DIFFERENT SUBSTRATES
Epitaxial growth of CuMnAs is also possible on (001) GaAs and Si substrates and within a similar growth temperature window. However, the surface roughness is significantly higher for films grown on GaAs and Si substrates. This is shown in the AFM images in Fig. 5(a) , where the color scales correspond to the difference between the lowest and highest feature of 3 nm for GaP, 16 nm for GaAs and 27 nm for Si. The vertical lattice constant, c, extracted from the symmetric XRD scan along (001) axis of a 50 nm thick film is 6.299 ± 0.003 Å for GaAs and 6.300 ± 0.011 Å for Si; let us recall that c = 6.278 ± 0.001 Å in the strained layer grown on GaP.
XRD analysis of 105 and 002 reciprocal peaks shows that there is a significant amount of mosaic tilt present in CuMnAs grown on Si and GaAs, as shown in Fig. 5(b) . The peak with mosaic tilt of 0.07 • sits shifted by 0.04% with respect to the position predicted from the reference 204 peak of the GaP substrate, which is a value we at- tribute to the fully strained case within the error of the measurement. The situation is similar for Si substrates with a shift of 0.10% and a mosaic tilt of 0.5 • . As expected from the higher theoretical mismatch on GaAs, the peak is in this case shifted by 4.59% with a mosaic tilt of 1.0 • . The corresponding lattice constants a extracted from the asymmetrical peaks of the optimized samples are 3.853 Å for GaP, 3.822 Å for GaAs and 3.844 Å for Si. The mosaic tilt was converted into the lateral mosaic block size by an analytical model which is described in the Supplementary information [7] and was adapted from Ref. [14] . The block size is the largest for CuMnAs on GaP, where it exceeds 400 nm. For GaAs we extract a smaller block size of ∼ 40 nm, as can be also expected due to the larger mismatch. Remarkably, the extracted block size for growth on Si is only ∼ 30 nm, despite the low mismatch. This is because when CuMnAs is grown on As or P rich surface, it can coherently compensate 1/2 of a lattice step on the substrate; 1/4 steps are not probable due to the group V surface termination. This is different for Si, where 1/4 steps can be present. These steps can not be coherently compensated and likely lead to the formation of defects which correlates with the increased mosaicity. In addition, a generally rougher Si surface can be expected due to the impossibility of growing Si buffer layers in our MBE system.
The CuMnAs/substrate interface was further investigated by STEM as shown in Fig.6 . In the case of GaP, the interface is pristine and the only disturbances are the micro-twins and anti-phase boundaries described above. This is different at the CuMnAs/GaAs inter- face which is disturbed by arrays of misfit dislocations (with a slightly varying periodicity), as can be expected due to the large substrate/film mismatch. An example is shown in Fig. 6(b) . The periodicity is around ∼ 26 atomic columns and the CuMnAs layer is visibly strained around the interface. In contrast to GaP, the slip dislocations do not always protrude through the layer from the bottom interface, but often terminate within the first few nanometers. This results in local straining of the layer and additional anti-phase boundaries can appear within the strain field. Varying strain contrast and bending of the atomic rows is visible throughout the whole thickness of 50 nm samples.
The CuMnAs crystal is even more disturbed when grown on a Si substrate. An example of incoherently compensated surface step is shown in the bottom panel of Fig. 6(c) . The step results in a formation of multiple crossing slip dislocations. In general, while growing on Si, the crystal structure of CuMnAs films becomes very complex. The STEM analysis shows steps on the CuM-nAs surface with height up to 30 nm for 50 nm thick layers, avalanche arrays of slip dislocations and a variety of other crystallographic defects. These complex structures form above incoherent interfacial defects and disturb the film throughout the whole thickness. More STEM micrographs are shown in the Supplementary information [7] for all GaP, GaAs and Si substrates.
Despite the difference in lattice mismatch, CuMnAs films thinner than 20 nm tend to form layers with holes and/or isolated islands on all three substrates, as demonstrated in Fig. 6(d) for 5 nm thick layers. The mechanism of the formation of anti-phase islands applies in all three cases. Only the island size is smaller and the density of holes significantly higher for the Si substrate. As already mentioned, this is likely due to the presence of the 1/4 lattice steps on the surface of Si and to its non-polar surface. In contrast to films on GaAs and GaP, there is no visible anisotropy and elongation of the holes in the film while grown on the non-polar surface of Si. This obser- vation can be linked to the (an)isotropy of the electrical resistance, as will be shown in the next section.
ELECTRONIC PROPERTIES
In general, unprotected CuMnAs films tend to degrade at ambient conditions due to surface oxidation, which affects the electrical properties. This is illustrated in Fig.7(a) , where the sheet conductance σ sheet and its time evolution are shown for samples of 50 nm thick CuMnAs film grown on GaP, in one case unprotected and in the other case in-situ capped with 3 nm of Al. At first, both conductivities rapidly decrease. The conductivity of the capped sample started at a higher value due to the additional conductance of the Al film. However, after approximately five days, σ sheet of the capped sample stabilizes when the Al cap oxidizes and forms a stable AlO x layer. Oxidation of the unprotected layer continues with a rate that only logarithmically slows down over a period of over 150 days.
The conductance of CuMnAs films scales linearly with thickness, as shown in Fig.7(b) , except for ultrathin layers below approximately 3 nm, where percolation and/or quantum conductance effects step in. Apart from that, we see an onset of the conductance anisotropy for thicknesses below 20 nm, with the conductance in the [110] direction of the GaP and GaAs substrates being systematically larger than that in the [110] direction, see Fig.7(d) . This is in line with the formation of the elongated islands and holes in thin films on GaP and GaAs, shown and discussed in previous sections. Let us note that no pronounced conductance anisotropy has been found in samples grown on Si, again in accordance with the absence of substrate surface polarity. We note that the anisotropy of conductance is averaged out in the value measured in the Van der Pauw geometry.
The resistivity of stoichiometric CuMnAs films grown on GaP substrates is ρ = 1.0×10 −4 Ω.cm and this value is virtually independent of the growth temperature in the range from 150 to 280 • C, see Fig.7 (c). Resistivities of CuMnAs grown on GaAs or Si decrease with decreasing growth temperature, but remain higher compared to the on-GaP-grown material in the whole investigated range of temperatures. Below 140 • C we could perform only growth tests without the spectral temperature readout and the control of the growth temperature, resulting in a 3D growth and macroscopically rough surfaces.
The temperature dependence of the conductivity shows a clear metallic behavior on all substrates, see Supplementary information [7] . The material grown on GaP showed the lowest residual resistivity at 4.2 K, 29% of the room temperature value. This corresponds to the superior crystal quality, compared to the layers grown on GaAs and Si substrates whose residual resistivities at 4.2 K are 56% and 85% of the room temperature values, 
respectively.
In order to correlate the investigated growth parameters to the material performance in terms of currentinduced resistive switching [3, 5, 15, 16] , simple cross structures were prepared by optical lithography and wet etching; details of the fabrication process are given in the Supplementary information [7] . The experimental procedure and device geometry are similar to the previous work of Olejník et.al. [16] . Pulses of 100µs duration and varying voltage were used for generating of writing currents with density on the order of 10 7 A/cm 2 . The pulses were applied in two perpendicular directions ([110] and [110] directions of GaP, Fig.8(a) ), at room temperature. The transversal resistance in a 45 • rotated direction ( Fig.8(b) ) was measured 1 s after each of the writing pulses. The difference of the two transversal resistances, ∆R xy , is plotted in Fig.8(c) as a function of writing current density. Here, ∆R xy starts to rapidly grow after the pulse current exceeds a threshold value and reaches a maximum ∆R max that is specific for the given material. We take this maximum normalized to the sheet resistance of the sample, ∆R max /R sheet , as a material figure of merit in the switching experiments. Further increase in the pulsing voltage results in permanent change in the device response.
Let us note that the simple cross geometry is suitable for comparison with previous studies, since the measured signal contains both the weaker spin-orbit-torque induced anisotropic magnetoresistance contribution to the switching signal [2, 3, 17, 18] and the stronger increase in transversal voltage due to non-uniform change of longitudinal conductivity [5] . The latter contribution is dominant in sample geometries optimized for measurements of longitudinal conductivity, e.g. simple bars, Wheatstone bridge geometry, etc., and is reduced in the cross geometry. We find a conversion factor of 0.4, while comparing measurements of ∆R max /R sheet between the cross geometry and the bar geometry presented in Ref. [5] . The compared devices were fabricated from the same material.
The dependence of ∆R max on the growth temperature for the 1:1 Cu:Mn stoichiometric CuMnAs is shown in Fig. 8(d) . There is a clear maximum of ∆R max ∼ 8.4% at growth temperatures between 190 and 230 • C. This correlates with the minimum surface roughness that was shown in Fig.2(a) . Surprisingly, there is no similar trend in the plain resistivity of the material.
The dependence of ∆R max on the Cu:Mn ratio is shown in Fig.8(e) . Again, we observe a maximum ∆R max of 8.34 ± 0.08 % for the three 1:1 Cu:Mn samples grown within the optimal temperature window. The value of ∆R max decreases when deviating from the 1:1 Cu:Mn stoichiometric point. This implies that the presence of the micro-twin defects does not foster the switching performance, as their density increases for off-stoichiometric samples. Moreover, the large achievable spacing between the micro-twin defects in CuMnAs grown on GaP allows us to avoid them when fabricating devices. This is hardly possible with CuMnAs grown on GaAs and Si, and the above measurements showed that ∆R max is lower in these films, not exceeding 4.4% in case of GaAs and 4.0% in case of Si. CONCLUSION We have demonstrated that epitaxy of tetragonal CuMnAs is possible on GaP, GaAs and Si substrates. Exploring a range of growth parameters, we found a growth temperature and a material flux setting which result in a smooth surface morphology, the lowest defect density and best electrical switching performance of the CuMnAs films. We have shown that the trends of these three material properties coincide. Of the three substrates, GaP was found to result in the superior quality of the epitaxial layer.
We have identified two characteristic types of structural defects present in thin film CuMnAs. The microtwin defects clearly correlate with the growth parameters and leave a characteristic imprint on the surface of the films and also in the reciprocal space. The occurrence of these defects can be largely suppressed in layers grown on GaP. Density of the second type of defects, the antiphase boundaries, seems insensitive to fine adjustment of the growth conditions. This defect type is likely related to the 90-degree ambiguity in the orientation of nucleation islands of the epitaxial layer.
The observed defects may locally disturb the antiferromagnetic ordering in the material and provide potential pinning centers for magnetic domain formation [19, 20] . A detailed theoretical study and/or further improvement of the crystal quality by implementing more complex growth protocols in order to grow anti-phase boundary free material (e.g., seeding layers, migration enhancement or growth temperature gradient) are necessary to unravel the effect which these defects may have on the performance of CuMnAs based spintronic devices.
Substrate and buffer layers
The CuMnAs layers presented in this study were grown on undoped (001) GaP, GaAs and Si substrates. Oxide layer on the GaP and GaAs substrates was desorbed at temperature of 650 • C, and 50 -100 nm thick buffer layers of GaP or GaAs were grown at 550 • C and 570 • C, respectively. The native oxide on the Si substrate was removed by etching in 3% HF solution for 45 s immediately before loading into the MBE system. The Si substrate was then heated up to 800 • C and degassed for 1 hour (maximum achievable temperature in our Veeco Gen II system). In this case, the growth of CuMnAs followed directly onto the substrate without any buffer layer.
Growth of CuMnAs After the growth of GaP or GaAs buffer layers (or after thermally treating the Si substrate) a fine adjustment of the beam-equivalent pressures (BEP) of Cu and Mn fluxes were performed. In our case the Cu:Mn BEP ratio of 0.53 was found by the exsitu EDX and EMPA techniques to correspond to 1:1 stoichiometry in the resulting CuMnAs layer. We estimate that the relative long-term accuracy of the BEP-based flux adjustment is approximately ± 3%, which explains the observed scatter in the parameters of the grown layers. After the flux adjustment the substrate temperature was stabilized at the desired growth temperature, measured by the band-edge spectrometry in all cases. The samples were grown betwen 210 • C and 220 • C, if not specified otherwise in the main text. After initiation of the CuMnAs growth the substrate temperature overshoots by ∼ 10 • C due to the increasing heat absorption in the growing layer [1] , and stabilizes only within 5 minutes. The CuMnAs was grown at a typical growth rate of 0.021 unit-cell/s. Al Cap deposition After CuMnAs growth, the samples were cooled down to ∼ 0 • C and 3 nm of Al were deposited with rate of 0.036 ML/s. This results in deposition of slightly granular, but homogeneous layer, that covers the whole sample surface after oxidation at ambient environment.
AFM measurements The topography of the samples was characterized on Bruker Dimension Icon Atomic Force Microscope in PeakForce mode. The silicon Bud-getSensors Multi75Al-G cantilevers (k = 3 N/m, f = 75 kHz, normal tip radius = 8nm) were used. All samples were measured at the same settings of AFM (scan velocity was 1 µm/s, PeakForce setpoint ∼ 1 nN and PeakForce frequency 1 kHZ). The collected data were processed in the Gwydion software [2] , and the extracted RMS values correspond to RMS roughness Sq -typically from 2x2 µm or larger window.
X-ray analysis The structure of the samples was analysed by high-resolution X-ray diffractometer equipped with PhotonMax high-flux 9 kW Cu rotating anode and Ge(002x2) monochromator providing a monochromatic CuK α1 beam, while using the D/teX Ultra 250 detector. The data were processed using xrayutilities Python package [3] . The average size of the crystallographic grains was extracted from reciprocal space maps measurements, as shown in the main text, by comparison with model calculations. For this purpose, model calculation of the diffraction signal of the mosaic films was performed [4] for the 002 and 105 Bragg peaks. In the used phenomelogical model one assumes that the film consists of randomly rotated mosaic block with averaged lateral and vertical size. The random rotation of these blocks with respect to each other is characterized by the root mean square misorientation. In our case, where Laue thickness fringes can be observed along the Q Z direction, the vertical block size equivalent to the film thickness can be used. This leaves the lateral block size and root mean square misorientation of the mosaic block as adjustable parameters.
SEM characterization The samples were characterized in Raith E-line SEM. The surface lines associated with the defects were typically visible above 10k magnification, at 10kV with 20 µm aperture and the in-beam SE detector.
Lamellae preparation and STEM characterization The cleaved parts of the samples were adjusted onto standard pin stubs by means of silver lacquer and coated with 10 -15 nm of carbon using Leica ACE600 coater. The scanning transmission electron microscopy (STEM) lamellae were then fabricated in FEI Helios 660 G3 FIB/SEM following the commonly used protocol, utilizing electron and ion beam deposited tungsten as protective cap. Final polishing was done at 2 kV at 25 pA. The lamellae were investigated by High resolution (scanning) Transmission Electron Microscope FEI Titan Themis 60-300 cubed at 300 kV acceleration voltage and by FEI probe corrected Analytical Titan at 300 kV.
Crystal modeling The models of the crystal structures were done in free crystallographic software Vesta [5] .
Conductivity measurements The conductivity was measured in the van-der-Pauw geometry either on 5x5 mm samples with In contacts soldered in the corners, or on lithographically patterned cross-shaped samples with bonded contacts. The anisotropy in conductivity was evaluated from the measured values using finite element method simulation of the given sample geometry in COMSOL Multiphysics [6] .
Device fabrication The as grown samples were patterned by standard optical lithography, where 5% C 4 H 13 NO was used to remove the Electrical switching of CuMnAs We note that the values for maximal transversal resistivity change were averaged from series of 10 pulses.
S1: SURFACE LINE DEFECTS AND MAGNETIC INCLUSIONS
The surface line defects associated with the micro-twin defects are also visible with SEM. The surface of stoichiometric CuMnAs sample and sample with 10% excess Mn are shown In Fig. 1 . There are just 2 defects visible in the 15 x 25 µm area of the image of the surface of the 1:1 Cu:Mn stoichiometric sample, whereas on the Mn rich sample the defects form a mosaic like structure with spacing bellow 1 µm.
In addition, multiple magnetic inclusions are visible at the surface of the Mn rich sample, with spacing on the order of µm. Their nature is confirmed in Fig. 1 (c) by magnetic force microscopy.
S2: IDENTIFICATION OF MICRO-TWIN TILT IN AFM
As mentioned in the main text, it is possible to identify the tilt of the micro-twin defects within the CuMnAs thin films by AFM. An example is shown in Fig. 2 . In (a), STEM micrographs of two defects with opposite tilt induce a different step onto the surface of the sample. In (b), an AFM scan on the sample (different area), shows that this step is reliably measurable and can be used to identify the angle under which the defect propagates throughout the film.
S3: STRAIN INDUCED BY THE MICRO-TWIN DEFECTS
It is shown in the main text, that the presence of the micro-twin defects is related to tilt visible in the recip-rocal space maps. This tilt could be related to strain induced into the CuMnAs layer by presence of the defects, as shown in Fig. 3 . In (a) it is apparent that the CuMnAs layers in the close proximity of the defect do bend towards the micro-twin boundaries. Also, a strong symmetrical contrast is visible within and around the defect in the bright field STEM image in (b), which is often associated to strain or sample thickness. The first explanation is more probable since it correlates to the XRD measurements and we have observed this trend over multiple defects in multiple samples. The polarity of the contrast is also dependent of the tilt of the defect within the layer. 
S4: ATOMIC STRUCTURE OF CuMnAs GROWN ON DIFFERENT SUBSTRATES
As described in the main text, the structure of CuM-nAs varies based on the substrate used. On GaP the structure is dominated by the slip dislocations, shown in HAADF-STEM micrograph in Fig. 4 (a) . On GaAs the CuMnAs is significantly strained as apparent in bright field STEM micrograph Fig. 4 (b) . The whole lattice is bending and forms segments that show different contrast in bright field STEM images. The segments are separated by sharp lines following the same direction as are the slip dislocations on GaP. Interestingly, the slip dislocations are often not visible in corresponding HAADF STEM images. Therefore, the phase contrast may not stem from the same type of defects, even though it has the boundary along the same crystal plane. For growth on Si, the layers are disturbed from the bottom interface to the top of the layer. This is likely due to incoherently compensated steps on the surface of the substrate, which result in incoherent crystalline clusters, as shown in HAADF-STEM micrograph in Fig. 4 (c) . Such clusters are often terminated by steps with height up to 20 nm at the top interface and enclose segments of pristine CuMnAs crystals.
S5: EFFECT OF HEATING ON CuMnAs
The effect of long term heating on the CuMnAs crystal structure was carried out by heating ∼ 80 nm thick lamellae while imaging by scanning STEM. The experiment was carried on 50 thick tetragonal CuMnAs grown on GaP substrates. The result of heating a lamella cut along the [100] direction in CuMnAs is shown in Fig. 5 (a). The temperature was ramped from room temperature up to 350 • C over 1 hour and 45 minutes and then cooled down back to room T. The Fourier transform spectra in the upper insets clearly do not change with T and show that dominant part of the bulk tetragonal crystal remains unaffected up to 300 • C. Yet, after heating from 200 • C to 300 • C the upper surface of the crystal starts to slowly deteriorate with time. This happens very slowly (order of tens of minutes) at 200 • C and progresses faster with increased temperature. It seems that mainly the capping layer is affected at 200 • C and approximately first 5 MLs were localy affected after staying at 250 • C for approximately 10 minutes. Also, there is a visible recrystallization at the bottom interface, measured for temperatures above 300 • C, which locally affected up to the first 10 MLs and partially erased the anti-phase boundary. This recrystallization remained stable at least for 1 hour after cooldown back to room T, as shown in the lower insets of Fig. 5 (a) .
Similar trends are shown in Fig. 5 (b) for a lamella cut along the [110] direction of CuMnAs. Again, the bulk crystal seems to be unchanged, but the upper interface deteriorates above 200 • C. It is apparent that the microtwin defect visible in the images remains unchanged during the heating process.
A lower magnification overview of a part of similar lamella is shown in Fig. 5 (c) . Again, the same trend for deterioration of the upper interface was apparent above 200 • C. Apart from degradation of the interfaces, there was no clear sign of phase change, melting or other type of damage induced into the bulk of the crystal. We note that during these experiments, only an 80 nm thick slab of the material was exposed to elevated temperatures for time spans longer than 1 hour. This clearly shows that the material retains the same crystal structure at temperatures up to above 200 • C at the interfaces and above 300 • C in the bulk. These temperatures also corresponds to the growth temperature window used in this study.
S6: TEMPERATURE DEPENDENCE OF RESISTANCE
As referred to in the main text, there is a difference in the temperature dependency of CuMnAs grown on GaP, GaAs and Si substrates. An example is shown in Fig. 6 for all the three materials. 
